We have investigated the segregation of Pt atoms in the surfaces of Pt-Ni nanoparticles, using Modified Embedded Atom Method potentials and the Monte Carlo method. The nanoparticles are constructed with disordered fcc configurations at two fixed overall concentrations (50 at.% Pt and 75 at.% Pt). We use four kinds of nanoparticle shapes (cube, tetrahedron, octahedron, and cubo-octahedron) terminated by {111} and {100} facets to examine the extent of the Pt segregation to the nanoparticle surfaces and determine the equilibrium structures of Pt-Ni nanoparticles at T=600 K. The model particles contain between 560 and 4631 atoms (particle size ranging from 2.5 to 5 nm).
The paper is structured as follows: in Sec. II we briefly describe the MEAM potentials and Monte Carlo method; in Sec. III we present our calculated results of (111), (100), and (110) surface segregation profiles for Pt-Ni alloys; in Sec. IV we report in detail the equilibrium structures of Pt-Ni nanoparticles resulting from surface segregation; finally, the conclusions are drawn in Sec. V.
II. SIMULATION METHODS

A. Modified embedded atom method (MEAM)
Within the MEAM, the total energy of a system is calculated as
In the above equation, i ρ is the background electron density at the center of atom i obtained by the superposition of electronic densities from its surrounding atoms. In previous EAM, the electron density of atoms is only dependent of atomic separations. As an improvement, the electron density of atoms in MEAM consists of both radially and angularly dependent contributions from neighboring atoms. The first term is the embedding energy for atom i which is embedded into the electron density i ρ , and the second term is the core-core pair repulsion between atoms i and j separated by a distance R ij .
The detailed description of the MEAM formalism has been presented in the literature [25, [27] [28] [29] ] and hence will not be repeated here. The current version of the MEAM considers only nearest-neighbor interactions, therefore, we also provide a screening procedure to define which are the nearest neighbors of an atom. In this work, we used the many-body screening function proposed by Baskes [28] using the elliptical construction.
B. Monte Carlo method
The employed Monte Carlo (MC) simulation method is based on the Metropolis algorithm [30] . The MC method is particularly advantageous in studying segregation phenomena in the equilibrium alloy structure, because it can circumvent slow physical dynamic processes (such as diffusion) in the system and provide an averaged composition profile over a thermodynamic equilibrium ensemble [31] .
We have used a canonical ensemble statistical mechanics, namely the total number of atoms of each element and the temperature are constants in our simulations.
Starting from some atomic configuration, the series of configurations are generated in proportion to the probabilities of a configuration occurring in the equilibrium ensemble.
In each step, one of the following two configuration changes is attempted with an equal probability:
(1) A randomly selected atom is displaced from its original position in a random direction. The magnitude of the displacement is in the range of (0, r max ]. At a given temperature, the maximum displacement r max is tuned so that the acceptance rate of new configurations is about 0.5 during the equilibrated part of the simulations.
(2) Two randomly selected atoms with different element types are exchanged.
The operation (1) accounts for the relaxation and vibration processes, and the operation (2) accounts for the inter-diffusion process in the model system.
According to the Boltzmann distribution, the probability (P XY ) of the configuration transformation (from X to Y) is given by a Boltzmann factor for the change in energy (ΔE=E Y -E X ). 
Here, k B is the Boltzmann constant and T is the temperature. If P XY ≥1 (decrease in energy), the new configuration is always retained, while if P XY <1 (increase in energy), the new configuration is retained with the probability P XY . After repeating the above procedures for multi-million MC steps, the physical quantities such as the composition profile are obtained by averaging over the resulting configurations.
III. MEAM DESCRIPTION OF Pt-Ni
A. Development of the potentials
The MEAM potentials for pure Pt and pure Ni are the same potentials published before [25, 28] with some renormalization of parameters. To determine the cross potentials between Pt and Ni, we chose Pt 3 Ni, which adopts the L1 2 structure, as the reference structure. Hence, the Pt-Ni pair potential is evaluated using the following expression [32] .
The parameters for the Pt-Ni MEAM potentials are given in Table I, and Table II gives the angular screening parameters for the potentials. We also give in Table III [34, 35] . It is noticeable that the surface energies in Table III for pure Pt and pure Ni are close. Therefore, the surface energy difference is not a major factor determining surface segregation behavior for Pt-Ni alloys.
We fit the MEAM cross potentials between Pt and Ni with first-principles calculation results for Pt 3 Ni (L1 2 ).. We also check the transferability of our MEAM using first-principles calculation results for PtNi 3 (L1 2 ) and PtNi (L1 0 ). Table IV shows a good agreement between our MEAM results and first-principles calculations for properties of bulk Pt-Ni intermetallic compounds. To obtain the above first principles calculation results, we evaluated the system energies using density-functional theory with the local spin density approximation (LSDA). We employed the PARATEC code [36] , a massively parallel package performing ab initio quantum-mechanical total energy calculations using pseudopotentials and a plane wave basis set. In this work, we used the package FHI98PP [37] to generate the norm-conserving Troullier-Martins [38] type of pseudopotentials, employing common parametrizations of the local-density approximation for exchange and correlation. In all calculations, we have used a 16x16x16 k-point grid for k-space integration and a kinetic energy cutoff of 90 Ry to expand the electronic wave-functions in the plane wave basis. The elastic constants are determined following the procedure given in Ref. [39] .
In the dilute limit, the segregation energy of extended surfaces is just the energy difference between the total energies of the system with a substitutional impurity atom in a surface layer and in the bulk. A negative value of this energy implies that the impurity will be enriched in that surface layer. A positive value thus implies depletion of that Pt-Ni alloys [19, 21] . Our MEAM results of segregation energy in Table V agree well with the EAM calculations.
It is an unusual phenomenon that Ni atoms (rather than Pt atoms with their large size) are found to segregate strongly to the first layer of (110) surfaces of Pt-Ni alloys.
First-principles calculations [22] attribute this segregation reversal to the combination of a strong segregation of Pt atoms to the second layer of (110) surfaces and a strong tendency of forming Pt-Ni nearest-neighboring pairs in Pt-Ni alloys. Our results of segregation energies from MEAM potentials suggest a similar physical picture. As shown in Table V , the segregation energies for Pt in both the first and second layers of Ni (110) surfaces are negative. However, the segregation of Pt atoms to the second layer is energetically more favorable and thus the Pt atoms should be more enriched in the second layer of (110) surfaces. The negative cohesive energies for Pt 3 Ni (L1 2 ), PtNi 3 (L1 2 ), and
PtNi (L1 0 ) in Table IV indicate that it is energetically more favorable to form a Pt-Ni nearest-neighboring pair than Pt-Pt and Ni-Ni pairs in Pt-Ni alloys. Therefore, it is expected that the concentration of Pt atoms in the first layer of (110) surfaces will be lower, i.e. Ni atoms segregate to the first layer of (110) surfaces of Pt-Ni alloys. [43] , which were measured for alloy samples annealed at 1373 K for 10 days and quenched.
B. Monte Carlo simulation of bulk crystals
These lattice constants are used to calculate the initial atomic separations in the extended surface (Sec. III.C) and nanoparticle (Sec. IV) simulations. In this work, we chose to simulate segregation in extended surfaces of disordered Pt-Ni alloys at T=1200 K for a direct comparison with previous experiments [12] [13] [14] [15] [16] [17] [18] and simulations [19] [20] [21] [22] [23] [24] for extended surfaces. T=600 K is a typical reduction temperature for bimetallic nanoparticle catalysts [5] and is used here to investigate segregation in Pt-Ni nanoparticles.
C. Monte Carlo simulation of segregation in extended surfaces
In order to demonstrate the applicability of our MEAM potentials to studying segregation phenomena in Pt-Ni alloys, we further employed MC simulations to predict For comparison, there are results from low energy electron diffraction (LEED) [15] and first-principles calculations [22] for segregation profiles of the three low-index extended surfaces in disordered Pt 50 Ni 50 alloys. Therefore, we first calculated those surface segregation profiles. Moreover, we will show the significant effect of surface relaxations on surface segregation processes. To this end, we devised the following MC simulation with different schemes to simulate various relaxation processes. In all MC simulations, the Pt and Ni atoms were initially distributed randomly in the whole simulation slab and the atoms with different type of elements are allowed to exchange their element types based on Eq. (2). For each combination of relaxation scheme and surface orientation, we carried out an MC simulation for 8 million steps at T=1200 K. To eliminate the influence of the initial configurations, we discarded the first 3 million MC steps and sampled the composition profile every 1000 steps in the last 5 million MC steps.
We report in Table VII our calculated segregation profiles for extended surfaces   of disordered Pt 50 Ni 50 alloys from schemes 1 carried out at room temperature for samples annealed at about 1200 K and then quenched [12, 13, 15] . Our assumption here is that the quenching freezes the high-temperature
configurations of extended surfaces. The final sample temperature might be a factor accounting for the discrepancy between our MC simulation results and LEED measurements. It is expected, due to ordering tendency, that segregation will be stronger at low temperatures than our simulations here, thereby bringing our results into closer agreement with available experiments in extended surfaces. The first-principles results from Ref. [22] for segregation in unrelaxed bulk-terminated surfaces were obtained with a combination of the linear muffin-tin orbital (LMTO) method and the mean field approximation for the configurational entropy neglecting lattice relaxations. The segregation profiles in that work were determined by minimizing the grand potential with respect to the composition of surface layers. First-principles calculations lead to the correct segregation profile for (110) surfaces without relaxing interlayer distances. In contrast, the interlayer relaxation is necessary for our MEAM potentials to arrive at the quantitatively correct segregation profile for (110) surfaces. Now, we discuss our surface segregation results using MC simulations with scheme 4 for Pt 50 Ni 50 alloys (these results are not included in Table VII ). These simulations for the (111) surface lead to similar segregation profiles as using the other schemes. In contrast, surface reconstruction occurs during the simulations for both (100) and (110) surfaces. In the outermost layer of (100) surfaces, the initial square lattice determined by bulk termination tends to reconstruct to a denser hexagonal lattice after many MC steps. This finding is consistent with previous experimental observations for the (100) surface of Pt-Ni alloys [17, 18] . In particular, it was found in a LEED study [17] that the top layer of the Pt 50 Ni 50 (100) surface reconstructs to (12x1) and (19x1) superstructures that are quasi-hexagonal atomic meshes with almost (111) atomic density.
Our MC simulations indicate the same reconstruction process and predict Pt enrichment in the outermost layer of the (100) surface, agreeing with experiments [17] . Our simulations using scheme 4 also found a surface reconstruction process for (110) surfaces. In contrast, a LEED study [13] shows that a large fraction of their Pt 50 Ni 50 (110) surface sample is not reconstructed and only some small patches correspond to reconstructed (1x2) and (2x1) domains. It appears that our MEAM potentials overestimate the surface reconstruction tendency for (110) surfaces of Pt-Ni alloys. This should not be a concern in our following work for Pt-Ni nanoparticles, because (110) surfaces are less stable in fcc crystals and do not appear as facets of nanoparticles. It is worth emphasizing that our MC simulations using scheme 4 cannot simulate the extended reconstructed (100) and (110) surfaces accurately. To do that would require a much larger simulation cell and an MC algorithm that allows changes in the number of atoms from the fcc-crystal terminated surface configurations. It is also worth pointing out that no previous theoretical work [19] [20] [21] [22] [23] [24] explicitly takes the correct surface reconstruction into account when determining surface segregation profiles of Pt-Ni alloys. Fig. 1(a) ], tetrahedron [ Fig. 1(b) ], octahedron [ Fig. 1(c) ], and cubo-octahedron [ Fig.   1(d) ]. They all have the fcc crystal structure. To study the size effect, we chose sequences of "magic" numbers of atoms (i.e., nanoparticles containing complete shells of atoms) for each kind of nanoparticles to be about 600, 1000, 2000, and 4000.
The separations of atoms in the nanoparticles are initially determined by the lattice constants in Table VI for In both Pt 50 Ni 50 [Fig. 2(a) ] and Pt 75 Ni 25 [Fig. 2(b) ] fcc nanoparticles, the atomic cohesive energy for a given number of atoms follows the decreasing order: cube > tetrahedron > octahedron ≈ cubo-octahedron. For Pt 50 Ni 50 nanoparticles, the cubooctahedral shape is about 0.003 eV/atom more stable than the octahedral shape. In contrast, the average energy for each atom in the Pt 75 Ni 25 octahedral nanoparticles is about 0.001 eV lower than in the cubo-octahedral nanoparticles. It is noticeable that the decreasing order of atomic energy for the four shapes of nanoparticles does not always correlate with the decreasing order of their surface/volume ratios, which is tetrahedron > cube > octahedron > cubo-octahedron. This is because {100} facets in nanoparticles have higher surface energies than {111} facets with the same area. 25 . In addition, the energy difference between cubic and tetrahedral Pt 75 Ni 25 nanoparticles is larger than for Pt 50 Ni 50 nanoparticles.
B. Relaxed Pt-Ni nanoparticles
For bimetallic alloys (like Pt-Ni) in which the two component elements have a large difference in atom size, atomic relaxation is an important factor in accurately calculating surface segregation profiles as evidenced in Sec. III.C for extended surfaces.
Therefore, we must consider the atomic relaxations when simulating segregation in Pt-Ni nanoparticles. We started out by relaxing the lower-energy octahedral and cubooctahedral nanoparticles and found that the change in the energy difference between the two shapes is very small. Hence, we do not think relaxation will make the high-energy cubic and tetrahedral nanoparticles stable. In addition, these high-energy shapes (cubic and tetrahedral) of nanoparticles would relax to the low-energy spherical shapes if the atoms were allowed to move in the Monte Carlo simulations. Therefore, we did not relax the cubic and tetrahedral nanoparticles in this study.
In MC simulations, the octahedral and cubo-octahedral Pt-Ni nanoparticles initially had the lattice constants determined for the bulk alloys at the same composition and temperature 600 K with randomly distributed Pt and Ni atoms. For each nanoparticle, we performed MC simulations allowing both atomic displacement and exchange of element types for 40 million MC steps at T=600 K. During the MC simulations, both the atomic positions and the distribution of Pt and Ni atoms in the nanoparticles change. Due to larger inward relaxations at the vertices and edges compared to the rest of the surface, the relaxed nanoparticles are more rounded than the unrelaxed ones. As a result, the different surface sites (facet, edge, and vertex) are less distinguishable in the relaxed nanoparticles. Moreover, we found the following two distinct features for Pt-Ni nanoparticles.
{100}-facet reconstruction in the cubo-octahedral Pt-Ni nanoparticles
We found that a reconstruction process often occurs in {100} facets of relaxed cubo-octahedral Pt-Ni nanoparticles during the MC simulations. In Fig. 3 , we show the final configurations of the Pt 50 Ni 50 [ Fig. 3(a) ] and Pt 75 Ni 25 [Fig. 3(b) ] cubo-octahedral nanoparticles after 40 million MC steps. Compared to the original cubo-octahedral nanoparticle [shown in Fig. 1(d) ], the 4x4 atoms in the (100) facet outlined by dashed lines have moved significantly away from their original positions. In fact, they tend to arrange themselves into a denser hexagonal configuration together with some atoms coming from the core of the nanoparticles. The external edges of the 4x4 array are intact but distorted away from a square shape, especially obvious in Fig. 3(b) for the Pt 75 Ni 25 nanoparticle. The reconstruction of {100} facets from a square to a hexagonal lattice in the surface of nanoparticles is reasonable, since it has been observed for Pt-Ni alloys that the top layer of the (100) surface can reconfigure to such a hexagonal arrangement of atoms [17, 18] .
One may wonder whether the energy lowering associated with the {100}-facet reconstruction, as well as the other relaxations, might be sufficient to favor the cubooctahedral shape over the octahedral shape. After all, high-resolution electron microscopy (HREM) suggests a cubo-octahedral shape for equilibrium Pt-Ni nanoparticles [11, 47] .
Our calculations also find this to be the case, but only by a very small energy difference on the order of 0.001 eV/atom. However, even if there were a larger energy difference, we must be careful before drawing conclusions based on our simulation results about which nanoparticle shape or shapes should be observed experimentally.
First, most HREM experiments are performed at ambient pressures that almost guarantee a degree of surface contamination on the nanoparticle surface, for example by gas molecules in air. Furthermore, the substrate materials for the imaging of such nanoparticles, such as carbon [11] and SiO 2 [47] , most likely also contribute contamination to the particle surfaces. Any such contamination probably removes the surface reconstruction, as is well known from many experiments on extended surfaces. Therefore, any energy gain due to {100}-facet reconstruction will probably only matter under more idealized vacuum conditions. Second, our simulations are performed for nanoparticles with magic numbers of atoms. These magic numbers change from the octahedral to the cubo-octahedral shape, so that for a given number of atoms, one shape may be magic (with complete atomic shells) while the other is not (having incomplete shells), making the comparison risky.
Furthermore, any given real nanoparticle most likely does not have a magic number of atoms for any shape, so that its outermost atomic shell would be incomplete. Incomplete shells imply defects, such as missing corner or edge atoms, islands on facets, steps surrounding islands, etc. These defects cost energy and should be considered when comparing shapes.
Third, the {100}-facet reconstruction that we predict is created at the expense of vacancy defects inside the nanoparticles. Besides making the magic-number property unclear (external as well as internal shells are now incomplete), this would require lengthy further "annealing" to explore whether those internal defects can be eliminated or are an inevitable consequence of the surface reconstruction. Fourth, the shape of a nanoparticle, at any temperature, must vary dynamically as atoms move around, since the energy differences between configurations are very small compared to k B T. There may be an optimum lowest-energy shape in the absence of vibrations, but thermal energy will favor a much wider family of shapes.
These aspects are beyond the scope of the present work.
Surface-sandwich structure of Pt-Ni nanoparticles
In Fig. 4 , we show cross-sections that expose the centers of the Pt-Ni nanoparticles containing about 600 atoms. These plots qualitatively reveal a "surfacesandwich structure" for the equilibrium Pt-Ni nanoparticles regardless of their shape and composition. Here, "surface-sandwich structure" implies that in nanoparticles the Pt atoms are enriched in the outermost and third atomic shells, while the Ni atoms are enriched in the second atomic shell. The difference of Pt concentration between different shells exceeds 10 at.%. This surface-sandwich structure in nanoparticles terminated with {111} and {100} facets is consistent with the oscillatory segregation behavior known for the extended (111) and (100) surfaces of Pt-Ni alloys. For octahedral Pt 50 Ni 50 nanoparticles, the surface-sandwich structures are shown clearly in Table IX . The Pt concentration is above 72 at.% in the outermost atomic shell, below 29 at.% in the second atomic layer, and about 42 at.% (higher than 37 at.% found in the inner core) in the third atomic shell.. The segregation profiles of nanoparticles are close to the segregation profiles in Table VII for extended (111) surfaces. The observed slight increase of the Pt concentration with nanoparticle size is a geometrical effect due to the decreasing surface-to-volume ratio when the nanoparticle size increases: the number of Pt atoms grows faster with particle size than the surface area to which they can segregate.
The surface-sandwich structure is also formed for cubo-octahedral Pt 50 Ni 50 nanoparticles containing fewer than 2000 atoms. However, the equilibrium structures of cubo-octahedral Pt 50 Ni 50 nanoparticles containing more than 2000 atoms are more like a core-shell structure: Pt is enriched only in the outermost shell and Pt concentrations are similar elsewhere in the core. We believe that the strong ordering tendency in the core region of larger nanoparticles accounts for this behavior. For bulk Pt 50 Ni 50 alloys, the disordered fcc structure will change to the ordered L1 0 structure below 900K [48] . It is known that the order-disorder transition temperature of nanoparticles is a function of their size and shape [49, 50] . The transition temperature is higher for larger nanoparticles, therefore, the simulation temperature of 600 K might be below the order-disorder transition temperatures of larger cubo-octahedral Pt 50 Ni 50 nanoparticles while above the order-disorder transition temperatures of smaller cubo-octahedral Pt 50 Ni 50 nanoparticles.
We indeed observed ordered PtNi clusters in the core of the two simulated larger nanoparticles. It should be mentioned that the accuracy of our MEAM potentials in predicting order-disorder transition temperatures of Pt-Ni alloy nanoparticles has not been fully tested. However, our simulations clearly show that the order-disorder transition could have an effect on the equilibrium nanoparticle structures. Therefore, order-disorder transition temperatures of nanoparticles should be taken into account when designing and processing nanoparticle catalysts.
It was found experimentally that the catalytic behavior of the samples, which contain cubo-octahedral Pt 50 Ni 50 nanoparticles with a diameter from 2 to 6 nm, varies dramatically for different samples in oxygen reduction reaction (ORR) [11] . We propose that this may be due to a mixture of smaller nanoparticles that assume a surface-sandwich structure and larger nanoparticles that assume a core-shell structure with an ordered core: these different structures might cause them to behave differently in the ORR environment. Table X indicates is about 25 at.% smaller than the overall concentration of 75 at.% and increases gradually with nanoparticle size. This implies that the Ni atoms are enriched in the sub-layer of nanoparticles and the extent of Ni enrichment is controllable by varying the nanoparticle size. It is widely believed that modification of the electronic structure of Pt by neighboring transition metal Ni atoms is a major reason why alloying enhances catalytic performance for Pt-bimetallic surfaces [51, 52] . Therefore, our study points out that controlling the nanoparticle size can tailor the electronic structure of Pt in the nanoparticle surfaces, besides varying the type of alloying element and the overall composition.
V. CONCLUSIONS
We have investigated segregation phenomena in disordered fcc Pt 50 Ni 50 and Pt 75 Ni 25 catalyst nanoparticles, using MEAM potentials and the Monte Carlo method.
The MEAM potentials that we developed successfully reproduce the main features, which are oscillatory segregation profiles and segregation reversal in (110) surfaces, of the observed segregation phenomena in extended low-index surfaces for disordered Pt-Ni alloys. Moreover, our simulations predict that a surface reconstruction from a square lattice to a denser hexagonal lattice occurs in the outermost layer of Pt-Ni alloy (100) surfaces, agreeing with experimental measurements [17, 18] . Therefore, our MEAM potentials and the Monte Carlo method are suitable for studying segregation in Pt-Ni nanoparticles.
In this work, we assume that Pt-Ni nanoparticles have disordered fcc configurations based on previous HREM results [11] . Among four possible shapes (cube, tetrahedron, octahedron, and cubo-octahedron) of nanoparticles, we find for Pt-Ni alloys that the octahedral nanoparticles (terminated with {111} facets) and cubo-octahedral nanoparticles (terminated with {111} and {100} facets) have lowest and nearly equal energies. In contrast, the Pt-Ni nanoparticles are most frequently found to be cubooctahedral [11, 47] . We argue that many uninvestigated factors, such as the contaminations of environment and substrate materials, may cause this discrepancy between theory and experiments.
Most importantly, we predict a surface-sandwich structure for most equilibrium Pt-Ni nanoparticles regardless of their shape and composition. In the surface sandwich structure of Pt-Ni nanoparticles, the Pt atoms are enriched in the outermost and third atomic shells while the Ni atoms are enriched in the second atomic shell. For Pt 50 Ni 50 cubo-octahedral nanoparticles containing more than 2000 atoms, we find a core-shell structure, in which the concentrations of Pt atoms in the second and inner atomic shells are very close, instead of the surface-sandwich structure. We believe that the stronger ordering tendency in the larger Pt 50 the cohesive energy E c (eV), the equilibrium nearest-neighbor distance r e (Å), the exponential decay factor for the universal energy function α, the scaling factor for the embedding energy A, the four exponential decay factors for the atomic densities β (i) , the four weighting factors for the atomic densities t (i) , and the density scaling factor ρ 0 . See Ref. [25] for the detailed definition of these parameters. Table IX . Atomic concentrations of Pt atoms in the outermost layer (denoted C 1 ), the second layer (denoted C 2 ), the third layer (denoted C 3 ), and the remainder (denoted C core ) of Pt 50 Ni 50 nanoparticles at T=600 K.
Number of atoms C 1 C 2 C 3 C core
Octahedral nanoparticles 670 72 20 43 37 Table X . Atomic concentrations of Pt atoms in the outermost layer (denoted C 1 ), the second layer (denoted C 2 ), the third layer (denoted C 3 ), and the remainder (denoted C core ) of Pt 75 Ni 25 nanoparticles at T=600 K.
Number of atoms C 1 C 2 C 3 C core 
